The microstructural evolution and phase transformations have been investigated during the partial remelting of a bulk alloy prepared by the cold pressing of A356, pure Ti and pure Al powders. A dropping experiment was used to investigate the reaction kinetics of Ti powders and the Al matrix simultaneously. The results show that a semi-solid microstructure with ne and spheroidal primary α-Al particles suspended in the liquid phase could be obtained after the bulk alloy was heated to 595 C for 30 min. The microstructural evolution process was divided into four stages, involving the transformation of the powders into primary particles, the formation of a liquid phase and the increase in its amount, which results in the formation of a continuous liquid layer, the rapid coarsening of the primary particles and the increase in the liquid phase amount, and the nal coarsening of the primary particles. Chemical reactions between the Ti powders and the Al element in the matrix occurred simultaneously. Next, core-shell structured, reinforced particles composing both an intermetallic shell and a soft Ti metal core formed in situ. The compact shell subsequently ruptured and peeled off when its thickness increased to a given value for a given size of Ti powder particles. Finally, the Ti powders were consumed completely because of the formation and the subsequent peeling of the shell. Results of the dropping simulation experiment show that the reaction product layer grows in a linear kinetic manner characterized by an activation energy of 374 kJ/mol.
Introduction
Particle-reinforced Al matrix composites have excellent comprehensive properties, and are used widely in the aerospace, defense, automobile, and electronic industries. 1) During the last few decades, many studies have speci cally examined ceramic particle-reinforced Al alloy composites. 2) However, because a large difference exists between the coefcient of thermal expansion (CTE) of the Al matrix and ceramic reinforcements, large stresses can exist at their interfaces, thereby degrading the mechanical properties. However, the CTE of intermetallic compounds comparable to that of the Al matrix alloy. Among them, Al 3 Ti particles (Al 3 Ti p ) was a commonly used reinforcement in Al matrix composites because they have many attractive properties, such as a high melting point (1610 K), low density (3.4 g/cm 3 ), and high modulus (216 GPa). [3] [4] [5] [6] Generally, there are two methods exist to fabricate Al 3 Ti p / Al matrix composites. The rst is direct reaction in a melting alloy, for which Al-Ti mixed powder, TiO 2 powder, or a K 2 TiF 6 agent wrapped by Al foil is added to Al melt. [7] [8] [9] [10] The required temperature used causes severe oxidation and gas absorption. More importantly, the resulting, in situ Al 3 Ti phase exhibits a needle, rod, or block shape. Recently, Liu et al. used a new method to fabricate in situ Al 3 Ti p /Al composites via an ultrasound-assisted direct reaction. In this method, Ti powders are introduced into an Al melt. The melt is held at 780 C until completion of the reaction between the Ti powders and melt. 11) To distribute the Al 3 Ti p uniformly, ultrasonic stirring is employed during the holding step. Results have shown that ne Al 3 Ti p was distributed uniformly within the Al matrix. However, it is expected that the large size of the components can cause dif cultly with this method of fabrication because of the limitations of the high-power ultrasound equipment.
Another method described is a powder metallurgy technique, which involves the compaction and subsequent sintering of the mixed powder. 12, 13) In this technique, the mixed powders are composed of Al powder and Ti and/or TiO 2 powder. The sintering occurs mainly at a temperature below the solidus of Al either under pressure or under pressure-less conditions. 12, 13) However, this technique has several limitations: a long reaction time, high-energy consumption, low productivity, poor microstructure density, and dif culty with fabricating the components with either a complex shape or a large size. 12) Furthermore, pores are inevitable in this process. They form because of the Kirkendall effect. Even so, powder metallurgy presents advantages that over other techniques do not possess, such as a uniform distribution of reinforcements and a exible constituent design. 14, 15) However, thixoforming can signi cantly decrease or even eliminate pores. It can produce components that have a compact microstructure. 16) It is particularly useful for producing large components with complex shapes. 16) It is reported that a semi-solid microstructure with small and nearly spherical particles can be obtained after an Al bulk alloy was prepared through the cold pressing of Al alloy powders, and was partially remelted. 17, 18) This microstructure is ideal for semi-solid ingots used in thixoforming. Therefore, the combination of powder metallurgy with thixoforming, which is described as powder thixoforming, can be theoretically expected as a feasible technology used in the fabrication of Al 3 Ti p /Al composites.
Furthermore, for both of the conventional methods mentioned, the reinforced phases always result in single, brittle Al 3 Ti particles. While it can signi cantly enhance the tensile strength of the Al matrix, the plasticity and toughness of the Al matrix decrease sharply. Therefore, to maintain an acceptable plasticity and toughness of the Al matrix, the fabrication of the Ti-Al 3 Ti core-shell structured, particle-reinforced Al matrix composite (Ti@Al 3 Ti p /Al) by powder thixoforming has been proposed. Xue et al. have fabricated Al-Fe intermetallic, particle-reinforced Al-based composites through the direct reaction of melting the alloy, 19) where they discuss details of the fabrication technology, resulting microstructures, and the mechanical properties. Their results illustrate that this new core-shell structured particle signi cantly increase in the strength of the Al matrix, and slightly decrease the plasticity and toughness. Moreover, their results will aid in the ef cient production of Ti powder because they noted that Ti does not need to react completely with Al atoms to form Al 3 Ti.
Unfortunately, no investigation has been made of fabricating Ti@Al 3 Ti p /Al matrix composites using powder thixoforming. Existing investigations of powder thixoforming have emphasized examinations of the microstructural evolution that occurs during the partial remelting of bulk Al alloys prepared by cold pressing of the alloy powder to prepare SiC p /Al matrix composites. 17, 18) Partial remelting has been proposed as the most important procedure because it determines not only the semi-solid microstructure, but also the conditions of Ti@Al 3 Ti p reinforcing particles.
Therefore, the microstructural evolution during the partial remelting of bulk alloys prepared by cold pressing of A356, Ti, and Al powder mixtures are investigated in this study. Especially, the formation process of the Al 3 Ti phase and the resulting microstructure of the Ti@Al 3 Ti p have been discussed. Furthermore, a dropping experiment has been used to simulate reaction kinetics of layer formation.
Materials and Methods
The matrix alloy for the Ti@Al 3 Ti p /Al composite used for this study was A356 alloy using made of pure Al and Al-Si hypereutectic alloy powders prepared through atomization. The average powder particle size was 16.25 μm. The nominal composition used was consistent with that of the A356. Previous research indicated that the solidus and liquidus temperatures of the mixed powders were 572.2 C, 611.0 C, respectively. 20) The Ti powder used was also prepared by an atomization process, where the average resulting size measured 17.19 μm and had a purity of 99.8 mass%. Because the reaction of Al with the Ti powders during the partial remelting process will consume part of the Al, extra pure Al powder was added according to the molar ratio of Al/Ti was 3:1, assuming that all of the Ti was completely transformed into Al 3 Ti phase. This assumption allowed for the careful maintenance of the A356 Al alloy composition. The average grain size of the extra pure Al powder was 11.817 μm with a purity of 99.9 mass%. It also was produced using the atomization.
According to the 10 vol% composition of the Al 3 Ti p /A356 composite, 40 g of the A356 alloy powder, 3.48 g pure Al powder, and 2.05 g Ti powder were blended in a ND7-21 planetary ball-mill. The employed ball-to-powder weight ratio, rotation speed, and mixing time were 5:1, 100 rpm, and 40 min, respectively. Then the powder mixture was cold pressed on a XH-300KN pressure machine into a billet with dimensions of Φ 22 mm × 5 mm, where the pressure was 150 MPa and the holding time was 5 min. All billets were obtained using the same experimental process. Subsequently, the billets were heated to 595 C for various amounts of time, ranging from 10 to 120 min in a tubular vacuum resistance furnace. They were then water-quenched immediately. The cross-section, which was oriented parallel to the radial direction of each small specimen was nished and polished using standard metallographic techniques. Samples were then etched with an aqueous solution containing 4 mass% NaOH and then observed and analyzed with a MEF-3 optical microscope (OM), scanning electron microscope (SEM) QUANTA FEG 450, and x-ray diffractometer (XRD) D/MAX-2400. To examine the liquid fraction and the primary particle size in the resulting semi-solid microstructures, the related OM images were analyzed using Image-Pro Plus software. At least three typical OM images with a magni cation of 200 times were examined. The microhardness of the reaction products was evaluated with a nanoindenter.
To investigate the kinetics of the intermetallic layer formation, a dropping experiment was also performed because of the dif culty in measuring the reaction layer thickness of the different sized Ti powders. The commercial A356 alloy, with a composition of Si 7.06 mass%, Mg 0.27 mass%, Fe 0.115 mass%, Ti 0.097 mass%, and balanced Al, and the Ti plates, with 1 mm thickness and 99.5 mass% purity, used in the dropping experiment. The Ti plates were machined with a CNC wire-cutting machine and were cut to 35 mm × 35 mm. The plates were then nished using 5 μm SiC paper and ultrasonically cleaned prior to the dropping experiment. An amount of the A356 alloy was melted in an electric resistance furnace to 800 C. Subsequently, the resulting melt was dripped onto the surfaces of the Ti plates and a simple diffusion couple was thereby formed. These diffusion couples were reheated to 585, 595, 605 C for various amounts of time, 30-240 min, in the same tubular vacuum resistance furnace. They were then immediately water-quenched. Specimens with dimensions measuring 10 mm × 10 mm were cut from the center of the simple diffusion couple. They were then embedded into an epoxy resin and were polished using standard metallographic techniques. SEM images were used to measure the thickness of intermetallic layer.
Results and Discussion

Microstructure of the cold pressed bulk alloy
To clarify the microstructural evolution during the partial remelting of the cold pressed bulk alloy, its initial microstructure was observed rst. The result showed that the Ti powders were uniformly distributed in the matrix, while the Al-Si powders and pure Al powders were somewhat agglomerated in local zones, as shown in Figs. 1(a) and 1(b) . Although some pores appeared in the inter-powder regions marked by the white arrows in Fig. 1(b) , the compact microstructure was obtained after the cold pressing treatment. The Ti powder and the Al-Si powder maintained their original morphology, whereas the Al powder was plastically deformed. The cold pressed bulk alloy included powder of three kinds, each with different mechanical properties. For example, both the Al-Si and the Ti powders were rigid, whereas the Al powders were soft. During cold pressing, the former two powders deformed elastically, whereas the Al powders had to deform plastically to feed the voids in the powder. Moreover, the grain sizes of these three powders were not uniform. The microstructure of the Al-Si powder consisted of many ne, equiaxed α-Al dendrites and inter-dendritic primary Si phases and eutectics ( Fig. 1(c) , white particles show the primary Si phase). Figure 2 shows that the microstructures of the bulk alloy heated to the semi-solid temperature of 595 C for different amounts of time. As shown in Fig. 2(a) , when the bulk alloy was heated for 10 min, the boundaries between the different powders became indiscernible. They nearly connected with each other (as compared in Figs. 1(a) and 2(a) ). In addition, the amount of Si phases decreased, as shown in dark contrast in the same gures. When the heating time was increased to 15 min, the amount of the Si phase within the powder further decreased and the differences between the Al-Si powders and Al powders decreased. Most of the Si phases were uniformly distributed both within the powder and at the edge of the powder, therefore separating the powders from each other. In this case, the boundaries between the powders became distinct (Fig. 2(b) ). As the heating time was extended to 17 min, the amount of the Si phases decreased further. The distribution was located mainly within the powder (Fig. 2(c) ). In comparison to the original cold pressed bulk material, the sizes of the three powders were comparable, whereas the difference between the Al-Si powder and Al powder decreased (as compared in Figs. 2(c) and 1(a) ). When the heating time reached 20 min, the original microstructure transformed into a typical semi-solid microstructure in which the individual spheroidal particles were separated by the gray structures ( Fig. 2(d) ). It is noteworthy that both the distribution and the sizes of these spheroidal particles were uniform. A previous investigation proved that the temperature reached its equilibrium state below 590 C until the bulk material was heated for 20 min 20) . In this work, we note that the temperature can also reach its equilibrium state below 595 C at a time of 20 min. Therefore, it was expected that the gray structures originated from the solidi cation of the liquids. Moreover, the particle size in Fig. 2 (d) was similar to that of the large particles, as shown in Fig. 2(c) , and the amount of the small particles decreased considerably. Consequently, the liquid resulted from the melting of the small sized particles in the time ranging from 17 min to 20 min. It is well known that the curvature of a metal particle has large effect on its melting point, where the larger the curvature and the lower the melting point. 21 ) Based on this standpoint, the results presented in this study were reasonable. Based on discussion presented above, it can be concluded that the particle size did not change markedly during the heating time of 0-17 min, but the microstructural morphology changed considerably. This variation was attributed to the composition changes of the two kinds of powders in the matrix. It is a result of the increase in the specimens temperature.
Microstructural evolution of the matrix during partial remelting
To demonstrate the microstructural evolution of the matrix, the specimens were also observed using SEM. Figure 1 (b) shows that the Si phases within the Al-Si powders were almost undetectable under the magni cation used because of the small particle size ( Fig. 1(c) ). However, after being heated for 10 min at 595 C, the white particle-like Si phases were clearly visible. This implied that the Si phases had coarsened ( Fig. 3(a) ). The driving force of the coarsening was a result of the decrease in Si/Al interface energy. As the heating time increased, the Si particles not only further coarsened, but also agglomerated between the powders. Therefore, it became difcult to distinguish between the Al-Si and pure Al powders ( Fig. 3(b) ). Similar to the above OM observation, the Si phase amount decreased (as compared in Fig. 3 (a) and 3(b)). When the time increased to 17 min, only a small amount of the Si phases was distributed between the powders and in lines of ne particles ( Fig. 3(c) ). Due to the ne size and line distribution of the Si phases, it was expected that the liquid phase would have formed at this time interval, and that the ne Si phases had resulted from the rapid solidi cation of the liquid phase during water quenching. However, the amount of the liquid phase amount was relatively small. Only a thin liquid layer that separated the powders from each other. This was likely to be the reason why boundaries between the powders had become distinct at this time interval.
As described in other results found for the semi-solid microstructure, the powders had evolved into the solid primary particles of the semi-solid microstructure. As shown by Fig. 1(c) , one Al-Si powder was composed of many ne, equiaxed α-Al dendrites and inter-dendritic, primary Si phases and eutectics. However, one solid primary particle in the semi-solid microstructure was always composed of a single grain. In addition, as discussed previously, the primary particle size was equivalent to that of the powders. This fact implied that one powder composed of many ne grains became a primary α-Al particles after being heated for 17 min.
Although the matrix alloy used in this experiment was composed of both a hypereutectic Al-Si powder and pure Al powder, the average composition was consistent to that of A356. Furthermore, A356 is a hypoeutectic alloy. It experiences a single α-Al phase interval during heating. Therefore, the Si phases within the Al-Si powders were expected to dissolve into their surrounding α-Al grains during heating. In addition, there were some pure Al powders in the matrix. Consequently, the Si phases could also dissolve into the pure Al powders through diffusion. Dissolution of these two kinds led to a marked decrease in the amount of Si phase. It was strictly for these reasons that the average Si content of the AlSi powders decreased, although that of the pure Al increased (Fig. 4) . Furthermore, the Si phases moved gradually to the boundaries of the powders. As was expected, the disappearance of the inter-dendritic Si phases occurred because of both dissolution and movement, which resulted in the coalescence of the ne α-Al grains. This coalescence led the Al-Si powders to become particles that were composed of one grain surrounded by the large Si phases. The boundaries between the powders became indistinct because of the diffusion of atoms and then became distinct again because of the movement. It was also because of dissolution and movement that the difference in the morphologies of the Al-Si powders and pure Al powders gradually became smaller and smaller.
To demonstrate the clear movement of the Si phases, some A356 powders were heated at 590 C for different amounts of time and were then water-quenched. The quenched powders were embedded into a dental base acrylic resin and then the the microstructural evolution of the individual Al-Si powders was observed after the resulting specimens were nished, polished, and etched. Results showed that, similar to the observation from the bulk alloy, the amount of the Si phase decreased, but their size increased while simultaneously moving toward the boundaries (Fig. 5(a)-5(c) ). The movement of the Si phases was also attributed to the decrease in the interfacial energy, where the interfacial energy of the Si/Al may have been higher than that of the Si/powder boundary. However, this should be further con rmed.
The temperature rise of the specimen was quite rapid. Therefore, there were still some Si phases present when the temperature reached the eutectic point. As discussed previously, the residual Si phases always existed close to the edge of the powder. Furthermore, they melted together with the surrounding α-Al phase to form a liquid phase (Fig. 5(c) ). As the time was increased to 9 min, a continuous liquid layer, which completely wrapped the center of the solid primary particles, formed due to the partial melting of the particle (Fig. 5(d) ). Namely, one Al-Si powder evolved into one primary spheroidal particle of the semi-solid microstructure. Similarly, it was expected that one pure Al powder was also transformed into a primary particle.
As described previously for the bulk alloy, the primary particles size was equivalent to that of the powders shown in Fig. 1(a) (as shown in Fig. 7(a) ). This fact also implied that one powder, including the Al-Si and pure Al powders, evolved into one of the primary particles when a small amount of the liquid phase formed, after heating for 17 min. Namely, the evolution processes of specimens of these two kinds were nearly identical. The only difference was that the speed of evolution of the individual powders occurred more rapidly than that of the bulk alloy because of the size difference of the specimens. The difference in the morphologies between the Al-Si powders and the pure Al powders disappeared completely when the liquid layers formed. Figures 2(d) and 3(d) show that these layers were heated for a time ranging from 17 min to 20 min. The difference in the composition has also vanished by this time interval (Fig. 4) . Therefore, it was concluded that the main phenomenon that occurred during the period of 0-17 min was transformation of the powders into the primary particles through the coarsening of the ne equiaxed grains resulting from the dissolution of the inter-dendritic Si phases and movement to the powder boundaries. As the time was further extended from 17 min to 20 min, the main event was the formation of a liquid phase, which occurred because of to the melting of the residual Si phases. Its amount increased to form a continuous liquid layer surrounding the center of the primary particles. The liquid phase increase was attributed to the melting of both small, primary particles and partial melting of the large particles. Simultaneously, the primary particles obviously coarsened.
From Fig. 3(c) , it was supposed that the primary particles were separated by a thin liquid layer when the residual Si phases had melted and the size of the primary particles was relatively small. To minimize the solid/liquid interfacial energy, the neighboring particles have a large trend to coarsen through merging. 22) This merging caused the rapid growth of the particles. As the time increased further, the coarsening rate decreased because of continuous increase in the amount of the liquid phase. When the heating time exceeded 30 min, the liquid phase did not increase. It therefore maintained content of 45%. Furthermore, the only event that occurred was coarsening of the primary particles (as compared in Figs. 6(a) and 6(b)). However, the coarsening rate was lower than that of the period from 17-30 min (Fig. 7(a) ). This implied that the system reached the solid/liquid equilibrium state at 30 min and that the coarsening mechanism had changed after 30 min.
It was expected that a pre-existing surface oxide lm exist- ed on the powders and that this lm can effectively inhibit the primary particles growth if it maintained its completeness. However, the coarsening speed of the particles was quite high during 17-20 min. It was known that the A356 alloy contained Mg. Therefore, from a thermodynamic consideration, the pre-existing oxide lm on the powders could be destroyed through the following reaction at 595 C.
The Gibbs free energy of this reaction was negative, calculated as −45.9 kJ at 595 C. Therefore, the pre-existing stable oxide lm (Al 2 O 3 ) on the particle was replaced by MgO during heating. The MgO lm was incompact. In addition, the difference between the coef cient of thermal expansion of Al and Al 2 O 3 can generate a stress concentration on the oxide lm, also leading the lm to break. 24) Destruction of the oxide lm provided the possibility of the merging of the primary particles. Furthermore, the increase in the Si content in the pure powders during heating also demonstrated that the atom diffusion between the powders was expedited, even in the solid state (Fig. 4) . The atom diffusion afforded the conditions for the primary particles to coarsen through Ostwald ripening.
In the coarsening regime of Ostwald ripening, variations in particle size should have obeyed the formula of D 3 t − D 3 0 = Kt, where D t was the average particle size at time t, D 0 was the initial particle size, and K was the coarsening rate constant. 25) Figure 7(b) gives the present result after heating for 30 min. It shows that the result after 30 min was entirely consistent with the formula. Therefore coarsening was appropriately attributed to this regime. However, the prior result to 30 min was not coincident. The coarsening speed was higher than that of the Ostwald ripening (see Fig. 7(a) ). The coarsening speed from the merging was relatively high, which demonstrated the accuracy of the previous discussion. The rapid increase in the amount of the liquid phase during this stage led the distance between the primary particles to increase, thus the merging to the coarsening contribution decreased. Consequently, the role of Ostwald ripening increased gradually and provided one of factor contributing to results obtained for samples over 30 min.
Therefore, it has been proposed that both the rapid coarsening of the primary particles and the increase of the liquid phase were the main phenomena occurred during the period from 17-30 min. The coarsening went through merging. The increase of the liquid phase was ascribed to both the melting of the small particles and partial melting of the large sized particles. However, there was only one event in which the coarsening of the primary particles occurred after 30 min. The coarsening mainly contributed to Ostwald ripening. The solid/liquid system reached the equilibrium state at 30 min. As a result, the microstructure at this time interval was uniform, and the resulting primary particles were also uniform in both size and shape, shown as spheroidal in Fig. 6(a) . Therefore, the microstructure at this time matched the requirement of thixoforming as related to the microstructure of the matrix.
In addition, Fig. 3 demonstrates that the surface of the Ti powder changed from smooth ( Fig. 1(b) ) to rough, with some velvet-like products present. This result suggests that the reaction occurred between the Ti powder and the Al matrix. The products then gradually became compact and thick ( Fig. 3(b) and 3(c)). A reaction layer was generated around the Ti powder, forming a core-shell, structured particle ( Fig. 3(d) ).
The microstructural evolution in this study exhibited a similar process when compared with that of the cast Mg alloys. 21) However, the processes used for both materials were relatively different. Regarding cast ingots in previously reported results, the microstructural evolution was divided into four stages: First, the initial, rapid coarsening of the α-Mg dendrite resulted from the dissolution of the inter-dendritic, or inter-arm eutectic phase. Second, the formation of individual particles occurred because of the melting of the residual eutectic phases and liquid penetration. Third, the subsequent spheroidization, which was attributed to the melting of particle edges and corners, occurred. Finally, coarsening occurred due to Ostwald ripening. 25) However, in the present study, there were several key differences from the as-cast ingot. After the structure separation, where the formation of the continual liquid lms occurred, both the resulting particle and coarsening rate were smaller for all tests than those reported in the previous cast ingot results.
21) Furthermore, one particle in the semi-solid system originated from one powder because of the merging of the grains within it. However, the cast ingot originated from one dendrite. The size of the employed powder was much smaller than that of the dendrite. Accordingly, the size of the resulting particles in the semi-solid system followed the same. Moreover, the pre-existing oxide lm (Al 2 O 3 ) at the powder surfaces played an obstruction role for the merging of the powder before the formation of continuous liquid lms. Although this oxide lm was either replaced by MgO or broken from an increase in the stress concentration, the destroyed oxide lm also potentially hindered the primary particles from mergence. Therefore, the coarsening rate in this study was lower than that of the cast ingot ( Fig. 7(a) ). Because of the ner primary particle size and lower coarsening rate, it was expected that this method gained more advantages over the cast in- got. In summary, we concluded that the microstructural evolution of the matrix during the partial remelting of the bulk alloy at 595 C was divided into four stages. These stages involved the following: transformation of the powders into the primary particles through the coarsening of ne, equiaxed grains and the movement of the Si phase within the Al-Si powder towards the margin of the powder; the formation of a liquid phase and an increase in its amount to form a continuous liquid layer surrounding the center of the primary particles; the rapid coarsening of the primary particles and the resulting increase in the liquid phase amount; and the nal coarsening with a relatively low speed. This evolution process was similar to that of casting an Mg alloy ingot. In addition, a reaction occurred between the Ti powders and the Al matrix after being heated for 10 min. A core-shell, structured particle formed as the heating time further increased.
Reactions between the Ti powders and the Al melt
To show the reaction between the Ti powders and the Al matrix, the specimens were carefully observed by SEM under higher magni cation. Figure 8(a) shows that the initial interface between the Ti powder and the matrix powders was quite smooth and they mechanically consolidated with each other. After being heated for 10 min, some serration-like, reaction products were generated on the surface of the Ti powder (as marked by A in Fig. 8(b) ). Because the heating time was further prolonged, the products grew. Their thickness increased gradually. The reaction layer transformed into a double-layer structure when the heating time reached 15 min (Fig. 8(c) ). The outer edge was a loose, serration-like layer. The inner was a compact layer. Results obtained from increasing the heating time demonstrated a coarsening of the rst layer and growth of the second layer (as compared in Figs. 8(c) to 8(d) ). When the heating time reached 30 min, the loose outer layer transformed into a bulk-like layer (Fig. 8(e) ). Then, radial cracks formed in the compact layer after being heated for 60 min (as shown in Fig. 8(f) ). Subsequently, the reaction products were peeled from the Ti particles as the heating time was prolonged (as shown in Fig. 8(g) ). Finally, the Ti powder was consumed completely, and agglomerates, composed of non-uniform particles, were formed ( Fig. 8(h) ). A light-grey phase formed after being heated for 30 min (as marked by B in Fig. 8(e) ), and grew as the heating time increased (as compared from Figs. 8(g) to 8(e) ). However, this phase disappeared completely as the heating time further increased (as compared in Figs. 8(g) and 8(h) ).
Based on the discussion presented above, the reaction process between the Ti powders and the Al alloy melt are expressed schematically in Fig. 9(a) . This process was divided into four stages: (1) formation of the serration-like intermetallic; (2) formation of the compact layer; (3) the coarsening of the serration-like, intermetallic and the thickening of the compact layer; and (4) rupture of the compact layer. The rupture and peeling processes are presented using a partially enlarged schematic diagram ( Fig. 9(b) ). Repeating the process of compact layer formation and subsequent peeling, the whole Ti particle was consumed completely.
It has been reported that there are several intermetallic compounds exist in the Al-Ti binary system, including AlTi 3 , Al 2 Ti, AlTi, and Al 3 Ti. 26) However, in the current work, the system contained a speci c amount of the Si element. For the Al-Ti-Si ternary system, the ternary compounds were formed: AlTi 2 Si 3 (τ2), AlTi 6 27) Raman and Schubert investigated the isothermal section of the Al-Ti-Si system at 700 C. 28) Ternary intermediate phases of two kinds have been discovered Al 5 Ti 7 Si 12 (τ1) and AlTi 2 Si 3 (τ2).
28) The chemical formula for the τ1 phase was (Ti 1-x Al x )(Al y Si 1-y ) 2 , where x ≤ 0.12 and 0.06 ≤ y ≤ 0.25. Consequently, the compositions of τ1 phase are expected to be 8-20 at% Al, 29.3 at% Ti, and 62.6-50 at% Si. Meanwhile, the chemical formula for the τ2 phase has also been de ned by Brukl, which was Ti (Al x Si 1-x ) 2 , with the x of 0.15-0.3.
29) The τ1 and τ2 phases formation mechanisms were attributed to the replacement reaction between Al and Si atoms in the Al 3 Ti phase. Then the crystal structure of Al 3 Ti was thereby changed when the Si content reached a certain level. Previous research indicated that the solubility of Si in Al 3 Ti was up to 18.75 at%, while still maintaining the tetragonal crystal structure, 30, 31) and was represented as (Al,Si) 3 Ti in this study. In addition, another ternary phase, τ3, has been reported by Raman and Schubert; however, its crystal structure and composition have not been identi ed. 28) The well-known Gibbs function criterion was used to judge whether the reaction occurred spontaneously. 32) According to the Gibbs function of these binary Al-Ti phases, 32) the variations of the Gibbs free energies with the temperature were plotted in Fig. 10 . This plot indicated that the formation of all of the binary Al-Ti phases occurred spontaneously in the reaction. However, the AlTi phase acted as a starting phase for both the Al 2 Ti and Al 5 Ti 2 phases. In view of the much lower Gibbs free energy of Al 3 Ti than that of AlTi at temperature of 595 C, the AlTi could not be formed. Consequently, the Al 2 Ti Fig. 9 (a) Illustration of the reaction process between the Ti powders and the Al melt after being heated for different time intervals, and (b) partial, enlarged schematic diagram. and Al 5 Ti 2 phases were not formed as well. Speci cally, the Al 3 Ti phase was the only reaction product in this Al-Ti binary system. For the Al-Ti-Si ternary system, the quasi-peritectic reaction, L + Al 3 Ti → τ2 + Al (fcc), operated at the temperature of 595 C. 33) Therefore, it was theoretically expected that the reaction products were composed of the Al 3 Ti and τ2 phases after the semi-solid temperature reached its equilibrium state.
For further clari cation, the phase transformation proceeded, and XRD and EDS equipment were employed to analyze the phase transformation and the element content of the reaction products, respectively, as marked by A in Fig. 8 . The XRD results indicated that the phases for 30 min were composed of α-Al, τ2, Si, a small amount of both the (Al,Si) 3 Ti phase and residual Ti, and that samples for 120 min were α-Al, Si, and the (Al,Si) 3 Ti phase (Fig. 11) . The EDS results for the grey phase are shown in Table 1 , and are shown in Fig. 12 . Figure 12 shows that the Si concentration increased to a peak value at 30 min and then decreased. Inversely, the Al concentration decreased to the lowest value at 30 min as well, and then increased. However, the Ti concentration decreased to its lowest value at 20 min and then increased to a constant value at 30 min. Gao et al. reported that the micro-hardness of the Al-Ti-Si ternary phases was closely dependent on the Si concentration, where the higher the Si concentration, is associated directly with higher the micro-hardness.
31) The results of the micro-hardness are presented in Fig. 13 , indicating that the micro-hardness increased to a peak value at 30 min, then decreased. That is, these results agree with Gao s reported results. 31) This phenomenon can further con rm that the EDS results were correct.
As described above, a thin TiO 2 lm existed on the Ti powder surface. The pre-existing TiO 2 reacted preferentially with Al through a reaction of TiO 2 + Al → α-Al 2 O 3 + Ti. Subsequently, the displaced Ti element reacted with Al to form the rod-like Al 3 Ti phases, therefore validating results reported in other studies. 34) The replacement reaction between Al and Si was also carried out. However, because of the low Si concentration, the short reaction time, and the low atomic diffusivity at low temperatures, this reaction was somewhat sluggish. Correspondingly, the Si concentration in the Al 3 Ti phases was at a low level and the Al was high (Table 1 and Fig. 11) . Therefore, the main phenomenon during the period from 0 to 10 min was the formation of the Al 3 Ti phase.
Increased heating time caused an increase in the temperature, accompanied by the migration of Si atoms from the inner Al-Si powder toward the inter-powder regions. Consequently, the atomic diffusivity and the Si concentration surrounding the Ti powder were thereby increased. As a result, the replacement reaction between Al and Si in the Al 3 Ti phases was promoted. Therefore, this replacement reaction was the main event that occurred when the heating time was prolonged from 10 min to 20 min. The reaction was responsible for the decrease in the Al concentration and the increase in the Si concentration in the reaction product.
As described previously, the liquid formed at 17 min. Then it increased as the heating time increased. In addition, the temperature should have reached its equilibrium value at 595 C and 20 min. It was expected that the quasi-peritectic reaction occurred L + Al 3 Ti → τ2 + Al (fcc). Namely, the Fig. 12 The grey layer composition curves of the reaction products identied by EDS for different remelting times. Fig. 13 Variations of the load versus the depth for different phases evaluated by the nano-indenter.
Al 3 Ti phase transformed into the τ2 phase. The Al-Ti binary phase transformed into a Al-Ti-Si ternary phase. Therefore, the Al concentration decreased further and the Si concentration increased in the reaction product. Consequently, the main phenomenon occurring in the period from 20 min to 30 min was the quasi-peritectic reaction of L + Al 3 Ti → τ2 + Al (fcc), which led to the decrease of Al and the increase in the Si concentration in the reaction product. A light-grey phase was formed at 30 min, and then grew. Figure 14 shows the result of the EDS line scanning of Al, Si, and Ti elements for 30 min. These results indicated that the Si concentration of the light-grey phase was higher. These phases were easily separated from the other reaction product by observing the backscattered electron (BSE) images, which gradually grew in the period from 30 min to 60 min (Fig. 8) . The Si concentration in the pre-existing reaction product decreased (Fig. 12 ) due to the formation and growth of these light-grey phases. Based on the above discussion and the EDS results shown in Table 2 , the light-grey phase consisted of the τ1 phase. Thus, the main phenomenon that occurred from 30 min to 60 min was the formation and growth of the τ1 phase. The Si content of the grey phase also decreased. From Fig. 14 , it can be found that the Si atom was enriched in the direction of the reaction interface between the reaction layer and residual Ti to form the τ1 phase, since Si atoms have a greater af nity with Ti than Al atoms. 35) It should be noted that the phase transformation must be accompanied by a change in the crystal structure, and a stress concentration was thereby generated. The cracks may have formed under the resulting stress concentration. The surrounding liquid then permeated along these cracks. Subsequently, the quasi-peritectic, L + τ1 → Al + Si + Ti was operated.
36) The Al and Ti re-precipitated to form the Al 3 Ti phase. Therefore, the resolution of the τ1 → Al 3 Ti was the main event that occurred during the period from 60 min to 90 min, where the light-grey phase disappeared gradually (Fig. 15) . Moreover, the grey phase transformed to (Al,Si) 3 Ti, based on the EDS analysis ( Table 1) .
The Si concentration in the liquid decreased to a speci c value, where there was not suf cient Si present to form the τ1 and τ2 phases. Consequently, the Al and Si atoms reacted with the residual Ti to form (Al,Si) 3 Ti until the Ti powder was consumed completely. Correspondingly, the diffraction peaks of Al, (Al,Si) 3 Ti and Si appeared in the XRD pattern for samples prepared at 120 min (Fig. 11) .
The reaction process can be summarized as follows: from 0 min to 10 min, the formation of Al 3 Ti through reactions of TiO 2 + Al → α-Al 2 O 3 + Ti and Al + Ti → Al 3 Ti; from 10 min to 20 min, the Si replaced the Al in the Al 3 Ti phase; from 20 min to 30 min, the quasi-peritectic reaction of L + Al 3 Ti → τ2 + Al (fcc); from 30 min to 60 min, the formation and growth of the τ1 phase; and from 60 min to 90 min, the τ1 → (Al,Si) 3 Ti. Finally, the Al + Ti + Si → (Al,Si) 3 Ti consumed the residual Ti powder.
Cracks formed within the reaction product and played an important role in the reaction process because they served as a convenient channel for the transfer of Al, Ti, Si atoms. As mentioned, the phase transformations were accompanied by the change in volume. The density of each reaction product was Al 3 Ti, 3.38 g/cm 3 ; τ1, 3.87 g/cm 3 ; τ2, 3.70 g/cm 3 ; and Ti: 4.51 g/cm 3 . 28) Because the volume of the formed reaction product was greater than that of the consumed Ti powder, it was expected that the stress concentration was thereby generated in the reaction layer parallel to the Ti surface, therefore resulting in radial cracks in the reaction product. In addition, the stress concentration in the interface reaction/Ti also formed, which was vertical to the Ti surface. Circular cracks were then generated. Furthermore, the liquid in ltrated into the cracks through capillary action. In this case, the crack developed easily in the reaction product. The reaction product was ruptured easily from the pre-existing product. Figure 16 shows that the thickness of the intermetallic layer increased with an increase in reheating time. As illustrated, Fig. 16(a) shows that the interface between the Ti plates and A356 alloy was straight. A few reaction products at the Ti-A356 interface were observed, as depicted with the white arrows. The arrows indicate that some reaction products had formed after the Al melt dripped onto the Ti plate. In addition, it was found that he morphology of the outermost reaction products also changed from serration-like to block-like, as discussed previously. However, the rupture of the intermetallic layer did not occur, although the layer was thick. This phenomenon occurred because of the intermetallic layer growth in a relatively in nite, two-dimensional plane, which was bene cial in releasing the surface stress for both crack initiation and propagation. Because the intermetallic layer was in compression of the stressed conditions at the interface between the Ti and the intermetallic layer, the transverse cracks were likely formed to release the stress. However, the new intermetallic product lled the layers, thus the cracks could not be found. Furthermore, the intermetallic layer for the Ti particle grew in a nite, three-dimensional sphere, where the stress was easily concentrated on the surface of the layer and released by producing a crack in the end. Additionally, the light-grey layer was not present in all experiments. This was likely due to a contraction of the unit area of the plane where the liquid phase was smaller than that of the sphere. Consequently, the amount of Si diffusing through the reaction layer was too small to form the lightgrey layer.
Simulation study of the reaction kinetic between the solid Ti and the Al alloy melt
The initial position of the interface was observed carefully on the cross-section of the Ti-A356 diffusion-coupled edge, which included the de-bonding positions (as shown in Fig. 17 ). The single line in the middle represents the initial interface of the Ti plate. It can be seen that the growth of the intermetallic layer not only occurred on the Ti side of the interface, but also on the A356 side of the interface. As seen, the growth of the intermetallic layer mainly occurred on the A356 side of the interface. This was caused by the inter-diffusion of Al, Si, and Ti atoms through the intermetallic layer, where the diffusion rate in the intermetallic was different. This result was consistent with that of Luo and Acoff: i.e., the intermetallic layer grew in two directions. 37) In order to investigate the reaction kinetics between the solid Ti and Al alloy melt, the Ti-A356 diffusion couples were reheated to 585, 595, and 605 C for various amounts of time 30-240 min. Results showed that the formation rate of the intermetallic layer was faster at a higher, reheated temperature, and that the completely intermetallic layer tended to become planar. At a given temperature, the dependence of the thickness of an inter-diffusion layer on diffusion time was described by the following empirical relationship:
In these expressions, Δx was the thickness of the intermetallic layer, K signi es the rate constant, t was the heating time, and n was the kinetic exponent. The values of the pairs of Δx and t at different temperatures measured in the present study were substituted into eq. (3), and six plots of ln Δx versus ln t for each temperature parameter were obtained and shown in Fig. 18(a) . According to eq. (3), the slope of the linear plots in Fig. 18 (a) was equal to the kinetic exponent, n. A linear regression analysis gave three best-t straight lines, with values of the kinetic exponent, n, of 0.866, 1.251, and 1.262 for temperatures of 585, 595, and 605 C, respectively. An n value of 0.5 suggested a standard, diffusion-limited growth, and an n greater than 0.5 indicated an interface controlled growth. 38) Considering the experimental errors, it is reasonable to assume an n value of 1 for the group. That is to say, the intermetallic growth was linear kinetic and controlled by the interface reaction presented in this work. The variation of the reaction layer thickness with the heating time for the Ti particle is shown in Fig. 19 , indicating that the intermetallic grew in the linear kinetic, and was in agreement with the hypothesis of the dropping experiment. However, the reaction rate of the Ti particle was faster than that of Ti plate because the unit contact area of the sphere with liquid phase was bigger than that of the plane. Even so, they had the same formation mechanism. Therefore, it was reasonable to use this dropping experiment to estimate the kinetics of the intermetallic layer formation.
If the diffusion of atoms across the intermetallic layer was considered a temperature-activated process, then K should have followed an Arrhenius-type relationship at a different temperature:
where K 0 was the temperature-independent constant and Q Fig. 17 The SEM image of the Ti-A356 diffusion couple reheated at 595 C for 180 min. Fig. 18 (a) Plots of ln Δx versus ln t by a linear regression analysis, using eq. (3), and (b) re-plots of the data by assuming n = 1. Fig. 19 The variation of the reaction layer thickness with the heating time for the Ti particle.
was the activation energy of the intermetallic growth. For calculation of the activation energy, K values must be obtained with similar physical dimensions. Consequently, a new regression with identical n values was needed to t the empirical data points, as shown in Fig. 18(a) . The results are illustrated in Fig. 18 
Conclusions
(1) The microstructural evolution process was divided into four stages. The rst stage involved the transformation of the powders into the primary particles through a coarsening of the ne equiaxed grains and movement towards the powders boundaries. The second was the formation of a liquid phase and an increase in its amount to form a continuous liquid layer surrounding the center of the primary particles. The third stage caused the rapid coarsening of the primary particles and an increase in the liquid phase amount. The fourth was the nal coarsening at a relatively low speed.
(2) The morphology of the outermost reaction products changed from serration-like to block-like. The reaction products were peeled from the Ti particles processed with a prolonged heating time.
(3) The ne and spheroidal primary phase particles that were uniformly distributed within the liquid phase were obtained. The core-shell structured reinforced particles were formed in situ after being heated to 595 C for 30 min.
(4) The result of the dropping experiment simulation indicated that the intermetallic phase grew in a linear kinetic way, and was characterized by an activation energy of 374 kJ/mol.
